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Abstract

The mechanical and thermal properties of commercially pure chromium and the chromium-based alloys Cr–5Fe–

1Y2O3 and Cr–44Fe–5Al–0.3Ti–0.5Y2O3 have been investigated in order to determine the thermal stress factor of these

materials and to assess their capability to withstand high-thermal loads in fusion applications. Especially the alloy Cr–

5Fe–1Y2O3 combines sufficient mechanical strength at temperatures up to 1000 �C, high-thermal conductivity and a

low-thermal expansion coefficient to yield the lowest thermal stress factor of all metallic candidate materials for first

wall and blanket applications. The high-ductile-to-brittle transition temperature may lead to a rather high value for the

lower operation-temperature limit. � 2002 Elsevier Science B.V. All rights reserved.

1. Introduction

Chromium and chromium alloys have been studied

since the fifties in order to explore possible high-tem-

perature application in jet engines [1,2]. These materials

exhibit a favourable strength-to-density ratio combined

with a high melting point (pure chromium: 1863 �C [3])

and an excellent corrosion resistance [4]. However, em-

brittlement from nitrogen contamination at elevated

temperatures, the high ductile-to-brittle transition tem-

perature (DBTT) and resulting problems of low tough-

ness and ductility with their impact on shaping, welding

and manufacture routes [1] limited the interest in chro-

mium-based alloys. Industrial applications of pure chro-

mium were confined to functional coatings in electronics

and optics, to coatings for improving corrosion and

wear resistance and brilliant coatings for decoration

purposes [5]. Recent applications of chromium-based

alloys as structural material in fuel cells rely on the

excellent corrosion behaviour under the specific envi-

ronmental and thermal conditions, the electrical con-

ductivity of the oxide layer and the high strength at

elevated service temperatures [6]. Moreover, up to 1000

�C the thermal expansion coefficients of the alloys Cr–

5Fe–1Y2O3 and Cr–0.4La2O3 excellently match that of

ZrO2 used as solid electrolyte [7]. At temperatures above

1400 �C the protective Cr2O3 surface layer becomes in-

stable. This motivated the development of the alloy Cr–

44Fe–5Al–0.3Ti–0.5Y2O3 that is better protected by a

more resistant Al2O3 layer. Moreover, the stability of

the oxide layer additionally reduces the susceptibility of

the material to stress corrosion cracking [8].

Chromium and chromium alloys regained attraction

as potential structural material in fusion reactors due to

their excellent low-activation characteristics [9–11] and

their potential high service temperature of up to 1000 �C
[12]. Calculations by Zucchetti and Merola [9] simulat-

ing the neutron activation of the alloys Cr–5Fe–1Y2O3

and Cr–44Fe–5Al–0.3Ti–0.5Y2O3 under service condi-

tions showed that a first wall component made of Cr–

5Fe–1Y2O3 may be classified as low-level waste (dose

rate6 2 mSv/h [13]) after 50 years of cooling [9]. Though

more recently Dyomina et al. [14] published that SiC/SiC

fibre-matrix composites and high-purity V–4Cr–4Ti

alloy may nearly reach the low-activation properties of
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Cr–5Fe–1Y2O3, chromium alloys may further be im-

proved by reducing molybdenum impurities. This would

allow even hands-on recycling after 100 years of cooling

[9].

Fusion reactor materials have to withstand the irra-

diation with a high flux of 14 MeV fusion neutrons,

protons and alpha particles leading to gas bubble for-

mation, swelling or void formation with possible prob-

lems of dimensional stability, phase stability, and the

degradation of mechanical and thermal properties [15–

19]. According to the design study of the Interna-

tional Thermonuclear Experimental Reactor (ITER),

the blanket structure is cooled by water [20] which limits

the operation temperature of the structural material to

about 300 �C. However, in next generation machines

like the demonstration reactor DEMO the structural

material is supposed to operate at temperatures between

500 and 700 �C [21]. For the breeding blanket temper-

atures up to 950 �C are desired [19].

First wall and blanket components are subjected to

cyclic thermal loading. The temperature gradient DT
caused by an energy flux _qq per unit area in a wall of

thickness d is given by

DT ¼ _qqd
k
; ð1Þ

where k denotes the thermal conductivity of the wall or

blanket material. Inserting this expression in the formula

for the thermal stress, which is proportional to DT , re-

sults in

rthermal ¼
aE DT
ð1 � mÞ ¼

aEd _qq
kð1 � mÞ ; ð2Þ

where E and m denote the Young’s modulus and the

Poisson coefficient, respectively. a stands for the thermal

expansion coefficient of the material. With _qq given by the

service conditions and d depending on the construction,

all material properties in Eq. (2) can be summarized by

the so-called thermal stress factor. The thermal stress

factor H or the stress factor H� normalized to the yield

stress ry defined as

H ¼ aE
kð1 � mÞ and H� ¼ aE

rykð1 � mÞ ð3Þ

give an estimate of the magnitude of thermal stresses in

materials exposed to thermal transients.

The maximum allowable temperature may also be

limited by the strength of the material, its creep prop-

erties and the chemical compatibility with the coolant

leading to potential corrosion problems. Depending on

the reactor design liquid lithium or water will be used as

coolant. Further limits for the maximum allowable

temperature may be set by the pickup of interstitial

solutes especially in hydrogen and oxygen environments.

The minimum service temperature is essentially deter-

mined by the DBTT and by irradiation hardening

shifting up the DBTT. Additionally, attention has to

be paid to helium embrittlement and gas bubble for-

mation.

So far chromium and chromium-based alloys did

not attract as much attention as their competitors as

potential structural materials like reduced activation

austenitic steels, reduced activation ferritic martensitic

steels [22–26], vanadium alloys [15,27–29] and SiC/SiC

ceramic fibre-matrix composites [30–32]. In spite of

problems with phase stability and irradiation induced

segregation [33], activities are still focused on reduced

activation steels, having the advantage of well estab-

lished and mastered technologies for production, shap-

ing and joining. Consequently current efforts aim at

increasing high-temperature strength of steels by dis-

persion hardening [34]. The development risk of vana-

dium and chromium alloys and SiC/SiC is considered as

high because production routes, shaping and joining

processes are still to be developed and problems caused

by the inherent brittleness of chromium alloys and ce-

ramic fibre-matrix composites are still to overcome [17].

Among these materials chromium alloys and SiC/SiC

fibre-matrix composites promise service temperatures up

to 1000 �C, whereas the application of vanadium alloys

will be limited in the range between 430 and 750 �C
[22,28].

The development of chromium alloys for fuel cell

applications resulted in powder metallurgical processing

routes which allow the production and shaping of large

batches of material with control of interstitial and sub-

stitutional impurities. Although chromium alloys are

still expensive, a reduction in price by a factor of 10 can

be expected if a large scale industrial production can be

established [7]. The commercial availability of pure

chromium and oxide particle strengthened chromium

alloys, their low-activation property and the potential

to withstand severe cyclic thermal loading motivated

studies on their possible application in fusion reactors,

carried out at the Joint Research Centre (JRC) of the

European Commission at Ispra, Italy. The investigations

aimed at a complete characterization of the mechanical

and thermomechanical properties of the alloys and on a

possible improvement of their ductility by microstruc-

ture refinement. Since fusion materials activities at the

JRC were discontinued, planned examinations of irra-

diation effects were not carried out.

2. Materials and material processing

The examined materials were the commercially

available pure chromium Ducropure (trademark of

Metallwerke Plansee AG, Austria) and the alloys Cr–

5Fe–1Y2O3 and Cr–44Fe–5Al–0.3Ti–0.5Y2O3 produced
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by the Metallwerke Plansee AG, Austria. Their com-

position is reported in Table 1.

The material was available in form of plates of the

dimensions 350 mm � 305 mm and a thickness of up

to 15 mm. The production process is outlined in the

product presentation sheet by Plansee AG [7] and more

detailed in the doctoral thesis of Janousek [5]. Exact

process parameters are confidential know-how of Plan-

see AG.

The base material was electrolytically deposited and

degassed pure chromium powder. For a survey on the

production of chromium powders the reader is referred

to Sully and Brandes [35]. Iron was added as elementary

iron powder, titanium in form of titanium hydride, and

Y2O3 for oxide particle dispersion hardening as powder

[5]. The particle size of the powders of the base materials

was between 50 and 250 lm. In spite of mechanical

alloying under a reducing hydrogen atmosphere the

reduction of the particle size to about 10 lm was ac-

companied by an increase of the oxygen and nitrogen

contents by a factor of two and five, respectively [5]. The

mechanically alloyed powder was cold pressed thereby

achieving about 60% of the theoretical density. A first

sintering step was performed at about 1500 �C in a hy-

drogen atmosphere in order to reduce interstitial impu-

rities. The material was then vacuum sealed in a steel

capsule and hot rolled in a series of steps in order to

obtain the full density of the material and the desired

dimensions. Between the various rolling steps the ma-

terial was annealed in order to reduce internal stresses

and to improve its ductility [5]. After rolling, the steel

capsules were removed in an acid bath. The interdiffu-

sion layer was removed by grinding [5].

Various rolling steps with intermediate thermal

treatments may be replaced in future by a single hot

isostatic pressing process. This is simpler, faster and

produces an isotropic structure with low-internal stres-

ses, in contrast to the textured microstructure after

rolling [5].

Microstructural investigations on the materials pur-

chased from Plansee were performed by optical and

scanning electron microscopy (SEM). A grain size of

82 lm in Ducropur, 11 lm in Cr–5Fe–1Y2O3 and

200 lm in Cr–44Fe–5Al–0.3Ti–0.5Y2O3 was determined

after electrolytical etching using 20 ml nitric acid and 60

ml hydrochloric acid as well as the linear intercept

method according to the standard ASTM E112-88 [36].

Fig. 1 shows optical micrographs of the different mi-

crostructure of the materials under investigation.

Cr–5Fe–1Y2O3 has extensively been studied by

Janousek [5]. Transmission electron microscopy revealed

a bimodal distribution of coarse and fine particles of

0.56 and 0:02 lm in size and a mean interparticle dis-

tance of 5.2 and 0:06 lm, respectively. Although the fine

dispersoids were only present in about 40% of the bulk

volume, the brittleness of pure chromium so far impeded

Table 1

Chemical composition of the commercially available pure chromium (short name: DucropurTM) and the alloys Cr–5Fe–1Y2O3 (short

name: Cr–5Fe) and Cr–44Fe–5Al–0.3Ti–0.5Y2O3 (short name: Cr–44Fe) [9]

Elements Ducropur Cr–5Fe Cr–44Fe State

Cr 99.7 wt% Balance Balance Components

Fe <0.25 wt% 5.3 wt% 43.6 wt%

Y – 0.68 wt% 0.37 wt%

Al <0.001 wt% <0.001 wt% 4.77 wt%

Ti – – 0.21 wt%

O <0.01 wt% 0.43 wt% 0.31 wt%

N <50 wt.ppm 115 wt.ppm 270 wt.ppm Impurities

H 5 wt.ppm 5 wt.ppm 5 wt.ppm

C <100 wt.ppm 15 wt.ppm 98 wt.ppm

Ca 20 wt.ppm 20 wt.ppm 20 wt.ppm

Cu 25 wt.ppm 25 wt.ppm 25 wt.ppm

K 5 wt.ppm 5 wt.ppm 5 wt.ppm

Mg 5 wt.ppm 5 wt.ppm 5 wt.ppm

Mo 100 wt.ppm 100 wt.ppm 100 wt.ppm

Na 10 wt.ppm 10 wt.ppm 10 wt.ppm

Ni 20 wt.ppm 20 wt.ppm 20 wt.ppm

P 10 wt.ppm 10 wt.ppm 10 wt.ppm

Pb 5 wt.ppm 5 wt.ppm 5 wt.ppm

S 10 wt.ppm 10 wt.ppm 10 wt.ppm

Si 60 wt.ppm 60 wt.ppm 60 wt.ppm

W 100 wt.ppm 100 wt.ppm 100 wt.ppm
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the establishment of such a fine dispersoid structure by

mechanical alloying. This problem was overcome by

alloying with 5 wt% iron [5].

3. Experimental methods and results

3.1. Mechanical properties

3.1.1. Tensile testing

The tensile properties of the alloys were determined

in displacement-controlled tensile tests with strain rates _ee
in the range of 1 � 10�4 to 1 � 10�3 s�1 according to the

ASTM standards E8-91 and E21-79(88) [37,38]. Three

types of specimen geometries were used. Plane pin-loa-

ded tension test specimens with a cross section of (i)

1 mm � 4 mm and (ii) 3 mm � 3:1 mm shaped by spark

erosion and (iii) cylindrical specimens with a diameter of

4 mm on the gauge length produced by machining. A

sufficient surface quality of the specimens for tensile

testing could only be achieved when new, sharp tools

were used for the final machining step. Attempts to

improve the surface quality by electropolishing were

abandoned because preferential etching of the grain

boundaries led to a substantial deterioration of the

tensile properties. The central part of the specimens with

a constant cross-section area had a length of 20 and 35

mm for the two types of plane pin-loaded specimens,

respectively, and 30 mm for the cylindrical specimen

type. The cylindrical specimens complied with the shape

standard for round machined tension test specimens for

powder metallurgical products [37].

The tensile tests were carried out in air, in the tem-

perature range between room temperature ð20 �CÞ and

1000 �C. The specimen temperature was measured with

two thermocouples on the upper and lower end of the

gauge length and controlled with a three zone resistance

furnace. The temperature gradient along a 30 mm gauge

was 6 2 K. Temperatures above 350 �C could be es-

tablished and stabilized within 30 min or less. Adjusting

the exact temperature and reducing the temperature

gradient along the gauge length required more time for

lower test temperatures. The overall duration of a tensile

test was less than 45 min. After testing the cross section

area A at the fracture site of the specimens was deter-

mined and normalized to the initial cross section area A0.

Due to the anisotropy of the hot rolled material the

cross section became elliptically shaped. Thus, the cross

section was calculated as A ¼ pd1d2=4 where d1 and d2

were the major and minor diameters, respectively.

Ducropur, Cr–5Fe–1Y2O3 and Cr–44Fe–5Al–0.3Ti–

0.5Y2O3 showed pronounced ductility at temperatures

above 150, 400 and 500 �C, respectively. Below 300 and

400 �C no valid data could be obtained for the ultimate

tensile strength rUTS of Cr–5Fe–1Y2O3 and Cr–44Fe–

5Al–0.3Ti–0.5Y2O3, respectively, due to premature

brittle failure. Preferential sites for brittle failure were on

the radius between the end fillets and the shoulder of

the cylindrical specimens where flaws were inevitably

introduced by machining. Plane specimens exhibited

ductility about 100 �C below the temperature where first

ductility of cylindrical specimens was observed. Prema-

ture brittle fracture of plane pin-loaded specimens oc-

curred preferentially at the pin holes. Also in these cases

flaws on the specimen surfaces resulting from the pro-

duction process could be identified as crack starters.

Only Ducropur exhibited sufficient ductility to obtain

valid rUTS data at room temperature.

Figs. 2–4 present the temperature dependence of the

proof stress at 0.2% plastic deformation r0:2, of the ul-

timate tensile strength rUTS and of the elongation at

fracture efrac. The more brittle alloys Cr–5Fe–1Y2O3 and

Cr–44Fe–5Al–0.3Ti–0.5Y2O3 exhibit an effect of speci-

men geometry on the tensile data, which diminishes as

temperature increases and the materials gain ductility.

The effect is best visible in the proof stress of Cr–5Fe–

1Y2O3 and Cr–44Fe–5Al–0.3Ti–0.5Y2O3 where the

plane pin-loaded specimens exhibit lower r0:2 values

than the cylindrical specimens. This may be explained by

a different constraint and flaws along the edges of plane

Fig. 1. Optical micrographs of the structure of powder metallurgically processed and sintered Ducropur, Cr–5Fe–1Y2O3 and

Cr–44Fe–5Al–0.3Ti–0.5Y2O3.
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pin-loaded specimens caused by the production process.

Since plane specimens were produced from sheet mate-

rial in the final specimen thickness most of their surface

was not affected by shaping, whereas the whole surface

of cylindrical specimens was newly created by machin-

ing. It is supposed that this difference caused a higher

density of flaws on cylindrical compared to plane spec-

imens leading to the seemingly higher ductility of plane

specimens at lower test temperatures.

In several cases SEM could identify inclusions as

failure reason. The powder metallurgical production of

the material may result in some microscopic inhomo-

geneity of the material leading to premature failure at

imperfections like inclusions or microscopic voids giving

rise to a rather large variation of tensile data.

In the whole investigated temperature range Ducro-

pur exhibits the lowest strength of the three materials

as expected for the pure base material. Up to about

600 �C the Cr–44Fe–5Al–0.3Ti–0.5Y2O3 alloy exceeds

the strength of the Cr–5Fe–1Y2O3 alloy. At higher

temperatures Cr–5Fe–1Y2O3 becomes the strongest of

the three materials. However, Cr–5Fe–1Y2O3 exhibits

less ductility in terms of elongation at fracture than

Ducropur and Cr–44Fe–5Al–0.3Ti–0.5Y2O3.

At temperatures above about 600 �C the tensile

curves have a characteristic shape reaching their maxi-

mum rUTS at a few % elongation only, followed by a

long nearly linear decrease (see Fig. 5). Observation by

eye gave no indications for necking at this stage. The

onset of substantial necking is related with the acceler-

ated decrease of the engineering stress shortly before

failure. Ducropur exhibits pronounced necking, yielding

a cross section reduction A=A0 to 15–20% in the ductile

range. At temperatures of at least 500 �C Cr–44Fe–

5Al–0.3Ti–0.5Y2O3 exhibits an intermediate behaviour

Fig. 2. Temperature dependence of the proof stress r0:2 of

Ducropur, Cr–5Fe–1Y2O3 and Cr–44Fe–5Al–0.3Ti–0.5Y2O3.

Fig. 3. Temperature dependence of the ultimate tensile strength

rUTS of Ducropur, Cr–5Fe–1Y2O3 and Cr–44Fe–5Al–0.3Ti–

0.5Y2O3.

Fig. 4. Temperature dependence of the elongation at fracture

efrac of Ducropur, Cr–5Fe–1Y2O3 and Cr–44Fe–5Al–0.3Ti–

0.5Y2O3.

Fig. 5. Comparison of typical tensile curves of the materials

Ducropur, Cr–5Fe–1Y2O3 and Cr–44Fe–5Al–0.3Ti–0.5Y2O3

tested at 800 �C (strain rate _ee ¼ 3 � 10�4 s�1).
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between Ducropur and Cr–5Fe–1Y2O3 in terms of

elongation at fracture, but without showing the pro-

nounced necking of Ducropur. The necking behaviour

described by the reduction of the A=A0 ratio shown in

Fig. 6 is similar to that of Cr–5Fe–1Y2O3 which reaches

roughly half of the elongation at fracture of Cr–44Fe–

5Al–0.3Ti–0.5Y2O3 (cf. Fig. 4).

3.1.2. Fracture toughness

Fracture mechanics tests for the determination of

fracture toughness in terms of KIC or JIC were performed

for Ducropur and Cr–5Fe–1Y2O3 in air in the temper-

ature range between room temperature and 500 �C with

an MTS servohydraulic testing machine (MTS, series

810). Compact test specimens according to ASTM-

E399-90 [39] with a thickness of 15 mm (cf. ASTM-

E399-90 [39]) were cut by spark erosion from Ducropur

and Cr–5Fe–1Y2O3 plates. Chevron notches were in-

troduced that should facilitate the initiation of a fatigue

crack that was propagated by cyclic loading to the re-

quired length. At temperatures below 200 �C the brit-

tleness of the materials led to unstable cleavage fracture

from the Chevron notch impeding sufficient fatigue

crack growth.

The stress intensity factors determined from Ducro-

pur compact test specimens were denoted as KQ because

they were no valid critical stress intensity KIC-values

according to the standard ASTM-E399-90 [39]. At

temperatures below 200 �C the KQ values were calcu-

lated from the maximum load and the fatigue crack

length observed after rupture. These values can be

considered as an upper bound of the fracture toughness.

The results are plotted in Fig. 7. The circular symbols

represent measurements where unstable failure initiated

at a fatigue pre-crack that fulfilled the length require-

ments of the standard. The non-validity with regard to

the standard was due to the violation of the size re-

quirements, which limits valid values in Ducropur

specimens to 15.5 MPa
ffiffiffiffi

m
p

, and partially due to the

testing procedure. At higher temperatures JIC tests were

performed according to the compliance test method in

order to determine the amount of ductile crack growth

prior to cleavage failure. The KQ results evaluated from

the initiation of cleavage fracture may be influenced by

the pre-deformation of the crack tip region before

cleavage fracture intervened. The filled squares in Fig. 7

represent measurements in Ducropur where cleavage

fracture occurred before a sufficiently long fatigue crack

had grown. These values must be considered as upper

bounds for the fracture toughness in this temperature

range.

The results for Ducropur show an increase of

toughness at about 200 �C thus indicating a brittle-to-

ductile transition. However, even at test temperatures of

500 �C fractography revealed cleavage fracture after a

small amount of ductile crack growth. Further tests are

required to determine the temperature where the mate-

rial fails completely by ductile tearing without mode

conversion to cleavage.

The fracture toughness values obtained in Cr–5Fe–

1Y2O3 with CT specimens are indicated in Fig. 7 by

open circles. In addition data from Janousek [5] are in-

cluded which were obtained from notched four-point

bending specimens with 5 mm thickness. Due to speci-

men size requirements, valid KIC values are limited to

about 25 MPa
ffiffiffiffi

m
p

. Taking into account that no pre-

crack was introduced, these data should be considered

as upper bounds, too. Our measurements are in good

agreement at 200 �C but indicate rather low KQ values of

Fig. 6. Cross section A at the fracture site normalized to the

initial cross section A0 for cylindrical specimens of Ducropur,

Cr–5Fe–1Y2O3 and Cr–44Fe–5Al–0.3Ti–0.5Y2O3 (strain rate

_ee ¼ 3 � 10�4 s�1).

Fig. 7. Fracture toughness KQ of Ducropur ( , ) and of Cr–

5Fe–1Y2O3 ( , ) as a function of temperature. The filled

squares indicate estimates from uncracked specimens, the open

and filled circles present results where cleavage rupture initiated

in a pre-cracked specimen. The open diamonds refer to data

from Janousek [5].
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about 15–20 MPa
ffiffiffiffi

m
p

up to 500 �C where still cleavage

fracture is observed.

3.1.3. Fractography

SEM was used for fractographic studies of Ducropur

tensile specimens and compact specimens. The fracture

surfaces were examined with regard to fracture mode

and crack initiation sites. In general, the fracture sur-

faces were oriented perpendicular to the loading direc-

tion. Tear ridges separate transgranular cleavage planes

with characteristic river patterns (see Fig. 8). Cleavage

fracture initiation points, frequently close to the border,

were found in most of the specimens and could be as-

sociated with discontinuities such as inclusion par-

ticles. In Cr–5Fe–1Y2O3, again transgranular brittle

fracture, characterized by typical cleavage planes, oc-

curred. Fracture initiation points are close to the borders

and were associated with stringers. At 400 �C mixed

transgranular and intergranular fracture was found.

The fracture surface of a Ducropur compact speci-

men broken at 400 �C is shown in Fig. 9. The fatigue

pre-crack is well distinguishable from a zone in the

centre of the specimen with ductile crack growth and

from subsequent cleavage zone. Such zones with ductile

crack growth prior to cleavage failure were observed at

specimens tested at temperatures 6 250 �C. At 300 �C,

ductile zones with a width of about 2 mm in the centre of

the specimen were found. At the lateral specimen sur-

face, where plastic deformation and some necking occur,

the zone width was much smaller and sometimes hardly

visible.

Cr–5Fe–1Y2O3 compact specimens did not exhibit a

ductile crack growth zone in the whole temperature

range up to 500 �C. Cleavage fracture occurred in all

cases without visible plastic deformation at the lateral

specimens surfaces.

3.2. Thermal properties

3.2.1. Thermal diffusivity

The thermal diffusivity of the alloys was measured

between room temperature and 1000 �C using the laser

flash method [40,41]. For this purpose small specimens

of 1.5 mm thickness and 10 mm in diameter were heated

on one side by a short laser pulse. The temperature in-

crease was detected on the opposite side and the thermal

diffusivity was determined from the characteristics of the

recorded temperature transient. Several series of tests

were performed in vacuum and in argon atmosphere

without significantly different results.

The thermal diffusivity of Ducropur, Cr–5Fe–1Y2O3

and Cr–44Fe–5Al–0.3Ti–0.5Y2O3 is reported in Fig. 10.

The unalloyed Ducropur has a significantly higher

thermal diffusivity than the other two alloys, however

Fig. 8. SEM fractography of a Ducropur compact tension

specimen tested at 300 �C. The fracture surface exhibits trans-

granular cleavage planes with river patterns.

Fig. 9. Rupture surface of a Ducropur compact tension speci-

men broken at 400 �C. A small zone of ductile crack growth can

be distinguished from the fatigue pre-crack and the cleavage

rupture.

Fig. 10. Temperature dependence of the thermal diffusivity

lðT Þ in cm2 s�1 of Ducropur, Cr–5Fe–1Y2O3 and Cr–44Fe–

5Al–0.3Ti–0.5Y2O3 measured between room temperature and

1100, 1000 and 600 �C, respectively.
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with a pronounced decrease towards higher tempera-

tures. The iron-rich alloy Cr–44Fe–5Al–0.3Ti–0.5Y2O3

exhibits the lowest values. Its low thermal diffusivity

together with the most pronounced brittleness encoun-

tered in tensile testing and the less favourable low-

activation properties of Cr–44Fe–5Al–0.3Ti–0.5Y2O3

led its exclusion from the further experimental pro-

gramme.

3.2.2. Heat capacity at constant pressure

The heat capacity was measured in a differential

scanning calorimeter (model DSC 404, manufactured by

Netzsch, Germany) using slabs of 1 mm thickness and 6

mm diameter with reference to a sapphire sample of

identical dimensions and to an empty platinum crucible.

The measurements were carried out in the temperature

range between 50 and 1010 �C in argon atmosphere with

a heating rate of 20 K/min.

The temperature dependence of the heat capacity of

Ducropur and Cr–5Fe–1Y2O3 is nearly identical as can

be seen from Fig. 11. They show an approximately linear

increase between 50 and 1000 �C from 0.48 J/K g to

about 0.67 J/K g. Data referring to temperatures lower

than 70 �C can be affected by a higher uncertainty due to

the relatively small difference between the measurement

and the ambient temperature and since the thermal

contact between the sample and the crucible improves as

temperature increases.

3.2.3. Thermal expansion coefficient

The thermal expansion was measured using cylinders

of Ducropur and Cr–5Fe–1Y2O3 of 5 mm diameter and

25 mm length with reference to an Al2O3 specimen with

identical dimensions in a differential dilatometer (model

402ED manufactured by Netzsch, Germany). The dila-

tometer measured the expansion difference between the

samples and the alumina cylinder. The thermal expan-

sion data of the alumina reference are compiled in

the standard DIN 51045/89. Since the positions of the

thermocouple used to control the furnace and the

specimen were not identical a slight difference between

the measured temperature and the real temperature

along the specimen was expected. When heating up the

furnace at a certain rate this could result in a delay

reaching the indicated temperature along the specimen.

The correspondence of the temperature measured by the

built-in thermocouple with the real temperature of

the specimen was checked by comparing the signals of

the built-in thermocouple, a second thermocouple at the

specimen site and the lecture of the incorporated me-

chanical micrometer. As a consequence of these tests the

temperature increase for the measurements was fixed to

a rate of 1 K/min in order to minimize the temperature

error.

The temperature dependence of the average thermal

expansion coefficient am ¼ DL=ðLDT Þ is presented in

Fig. 12. Here, DT denotes the temperature difference

T � T0 with T0 ¼ 20 �C and DL ¼ LðT Þ � L0 the length

difference being L0 ¼ LðT0Þ the specimen length at 20 �C.

Typical values for Ducropur and Cr–5Fe–1Y2O3 range

between 8 � 10�6 and 11 � 10�6 K�1 which are re-

markably low values compared to other materials under

consideration as structural materials for fusion appli-

cations (cf. Table 2).

3.3. Calculated thermal and thermomechanical properties

3.3.1. Thermal conductivity

With the results for the temperature dependence of

the thermal expansion coefficient aðT Þ, the heat capacity

Fig. 11. Temperature dependence of the heat capacity at con-

stant pressure cpðT Þ in J g�1 K�1 of Ducropur and Cr–5Fe–

1Y2O3 between room temperature and 1000 �C.

Fig. 12. Temperature dependence of the average thermal ex-

pansion coefficient aðT Þ in 10�6 K�1 of Ducropur and Cr–5Fe–

1Y2O3 in the temperature range between room temperature and

1000 �C.
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cpðT Þ and the thermal diffusivity lðT Þ, the thermal

conductivity can be calculated according to

kðT Þ ¼ .ðT ÞcpðT ÞlðT Þ ¼
.0

1 þ 3aðT ÞT cpðT ÞlðT Þ: ð4Þ

Fig. 13 presents the results for Ducropur and Cr–

5Fe–1Y2O3, for which all measurements ðaðT Þ, cpðT Þ,
lðT ÞÞ were performed. Ducropur shows a higher ther-

mal conductivity than Cr–5Fe–1Y2O3 but with a pro-

nounced decrease from about 90 W m�1 K�1 at room

temperature to about 57 W m�1 K�1 at 1000 �C. The

thermal conductivity of Cr–5Fe–1Y2O3 shows a slight

increase in the same temperature range from about 35

W m�1 K�1 to about 47 W m�1 K�1 at 1000 �C.

3.3.2. Thermal stress factor

The thermal stress factor as defined in Eq. (3) can be

derived after measuring the thermal expansion coeffi-

cient a and calculating the thermal conductivity k from

experimental data. For the calculations presented in

Fig. 14 the proof stress values at 0.2% plastic defor-

mation has been used instead of ry. The temperature

Table 2

Overview on key properties of Ducropur, Cr–5Fe–1Y2O3, the vanadium-based alloys V–15Cr–5Ti and V–4Cr–4Ti, the reduced

activation ferritic steels F82H and the martensitic and austenitic stainless steels MANET and AISI 316 L

Property Ducropur Cr–5Fe–

1Y2O3

V–4Cr–4Ti V–15Cr–

5Ti

F82H MANET AISI 316 L

Tm (�C) – 1863 [3] 1805–1825

[3]

1875–1925 [45] 1890 [52] 1450–1500

[3,59]

1450–1530

[59]

1375–1425

[60,61]

. (M g m�3) RT 7.200

[42,44]

7.190 [5] 6.050 [45] 6.100 [52] 7.890 [53] 7.757 [58] 7.963

[58,59]

E (GPa) RT 280 [42] 280 	 20

[7]

125.6 [46,47] 126 [52] 217 [54,55] 217 [58] 192–195

[61,62]

m RT 0.22 [42] 0.22 [5] 0.367 [46,47] 0.36 [52] 0.29 [54,55] 0.27 [58] 0.28 [61]

a (K�1) RT 8:4 � 10�6 10:0 � 10�6 9:1 � 10�6 [48] 9:3 � 10�6

[52]

10:4 � 10�6

[53,54]

10:0 � 10�6

[58,63]

16:2 � 10�6

[58]

400 �C 9:1 � 10�6 10:1 � 10�6 9:71 � 10�6 10:2 � 10�6 11:5 � 10�6 11:9 � 10�6 16:2 � 10�6

600 �C 9:70 � 10�6 10:4 � 10�6 10:0 � 10�6 10:5 � 10�6 12:1 � 10�6 12:4 � 10�6 18:3 � 10�6

800 �C 10:1 � 10�6 10:9 � 10�6 10:2 � 10�6 10:9 � 10�6 – – 19:0 � 10�6

k (W m�1 K�1) RT 90.0 34.6 30.4 [48] 21.0 [52] 34.5

[53–55]

24.1 [58,63] 14.7 [58]

400 �C 76.0 41.8 33.9 26.8 31.6 25.9 20.0

600 �C 70.0 44.2 35.2 29.5 32.8 26.4 22.9

800 �C 63.2 47.0 37.1 32.5 – – 25.7

ry (MPa) RT 260 918 [5] 335–378

[49–51]

590 [52] 550 [53,56,57] 614 [58,63] 207–270

[58,62]

400 �C 165 730 216 350 485 519 151–168

600 �C 162 560 230 340 295 313 128–138

800 �C 140 340 235 [51,50] 290 – – 118

DBTT (�C) 150–500 400–500 �200 
 
 
 �150

[28]

�150 
 
 

�50 [52]

�50 [80] �30 
 
 

þ20 [82]

–

100–400 [7] �155 [78] �75 [81] �15 [58]

KIC (MPa
ffiffiffiffi

m
p

) 6 10 (RT) 6.4 (RT) [5] 250 (RT) [77] – 150 (RT) [79] – –

�55

(DBBT)

15–20

(DBBT) [5]

100 (DBBT)

[79]

100 (�100 �C)

[79]

Tm denotes the melting temperature, . the mass density, E the Young’s modulus and m the Poisson coefficient, a stands for the average

thermal expansion coefficient, k for the thermal conductivity. ry denotes the yield stress.

Fig. 13. Temperature dependence of the thermal conductivity

kðT Þ in W m�1 K�1 calculated according to Eq. (4) from the

thermal diffusivity lðT Þ in Fig. 10 and the data reported in Figs.

11 and 12 for Ducropur and Cr–5Fe–1Y2O3 up to 1000 �C.
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dependence of Young’s modulus has been linearly ex-

trapolated from the data reported by Simmons and

Wang [42] in the temperature range between 77 and 500

K. These data are based on well documented X-ray and

ultrasound measurements by Summer and Smith [43]

and Bolef and Klerk [44]. These data agree with the data

given by Plansee [7] but are significantly higher than

Young’s modulus reported in the Metals Handbook

[45]. The Poisson ratio was approximately considered as

constant with m ¼ 0:22 [42].

The very low figure for Ducropur in Fig. 14(a)

compared to other low-activation materials (about 0.34

MPa m/W at 20 �C) results from its favourable combi-

nation of high-thermal conductivity and low-thermal

expansion coefficient. After normalizing the thermal

stress factor to the yield stress in Fig. 14(b), Cr–5Fe–

1Y2O3 takes over the leading position due to its high

strength at elevated temperatures.

The numerical data required to calculate the thermal

stress factor for the competitors as first wall and blanket

materials V–4Cr–4Ti [46–51], V–15Cr–5Ti [52], the fer-

ritic reduced activation steel F82H [53–57] and the fer-

ritic steel MANET [58,59] are compiled in Table 2. The

table contains data for the austenitic stainless steel AISI

316 L for comparison [58–62].

4. Discussion

4.1. Thermal properties and thermal stresses

Table 2 compares key properties of Ducropur and

Cr–5Fe–1Y2O3 with those of other candidate materials

for structural applications in fusion technology. The

lower thermal conductivity of Cr–5Fe–1Y2O3 compared

to pure chromium in Fig. 13 can be understood by the

solid solution of iron atoms in the chromium matrix

which reduces the lattice symmetry and increases the

number of scatter centres for phonons and electrons,

thus reducing the thermal conductivity. In the same way

defects introduced in the bulk material by radiation will

degrade the thermal conductivity because they present

deviations from the perfect crystalline state acting as

scatter centres for phonons. The effects of grain size and

of dispersed Y2O3 particles on the thermal conductivity

of the materials are expected to be insignificant. The

solid solution of Fe in Cr changes also the interatomic

potential whose anharmonic part gives rise to the ther-

mal expansion. Thus, the alloying effect on the thermal

expansion coefficient observed in Fig. 12 is plausible.

The high-thermal conductivity combined with the

low-thermal expansion coefficient of Ducropur and Cr–

5Fe–1Y2O3 results in a low-thermal stress factor. Hence,

in this respect, these materials may easily compete with

vanadium-based alloys. The high-yield strength of Cr–

5Fe–1Y2O3 at temperatures up to 1000 �C yields the

absolute lowest value of the thermal stress factor nor-

malized to the yield strength of all metallic materials

discussed for first wall and blanket applications. In spite

of the rather low-yield strength Ducropur can compete

with the vanadium-based alloys.

The effect of the figures on a first wall design can be

illustrated making use of Eq. (2). Assuming a heat flux

of 0.5 MW/m2 and a service temperature of 300 �C, the

maximum thickness dmax of a first wall or blanket ma-

terial that can withstand the thermomechanical load is

determined by the thickness which makes the thermal

stress equal to the yield stress of the material. Taking the

data from Fig. 14b (H� (300 �C)), values for dmax of 1.4

mm for stainless steel AISI 316 L, 4.7 mm for MANET,

9 mm for Ducropur and the vanadium alloys but 20 mm

for Cr–5Fe–1Y2O3 are obtained.

A lot of work has been done on ceramic SiCf /SiCm

fibre-matrix composites [30–32,64–66]. Various fibre

concepts have been investigated and different types of

composites are under investigation using different fibres

Fig. 14. Temperature dependence of (a) the thermal stress

factor H and (b) the thermal stress factor H� normalized to r0:2

(defined in Eq. (3)) of Ducropur, Cr–5Fe–1Y2O3, the vanadium

alloys V–4Cr–4Ti, V–15Cr–5Ti and the ferritic/martensitic

steels F82H and MANET.
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and production techniques. The physical and mechani-

cal properties of fibres, SiC bulk material and of the

resulting composites exhibit appreciable scatter. There-

fore it is difficult to get conclusive data which allow a

direct comparison of the thermal stress factor with the

metallic materials presented in Fig. 14. The performance

of a ceramic fibre-matrix composite depends strongly on

the fabrication process of the fibres and the composite.

The composite exhibits a pronounced anisotropy of its

physical and mechanical properties. Based on the best

data compiled in [64] (k ¼ 323 W m�1K�1, a ¼ 0:5�
10�6 K�1, E ¼ 107 GPa, m ¼ 0:2, ry ¼ 130 MPa) the

values calculated for the thermal stress factors H and H�

are 2 � 10�4 mMPaW�1 and 1:6 � 10�6 mW�1, re-

spectively. These values are a factor of about 100 better

than those of the best metallic material, i.e., the chro-

mium alloy. This potential may however only be reached

with perfect composites. Due to the severe degrada-

tion of the thermal conductivity by neutron irradiation,

initial thermal conductivities are requested of P 300

W m�1 K�1 and P 150 W m�1 K�1 at room temperature

and 1000 �C, respectively [64]. Further problems con-

cern the mismatch of the elastic moduli and of the

thermal expansion coefficients between SiC fibres and

the SiC matrix. Thermomechanical loading may thus

lead to problems along the fibre-matrix interface [66]

and to matrix cracking. Since the thermal conductivity

of the SiC fibres (�5–15 Wm�1 K�1), is much lower

than that of the SiC matrix (�400 Wm�1 K�1 (single

crystal SiC)) the heat flows entirely through the matrix

and matrix cracking will appreciably reduce the ther-

mal conductivity. Using data given by Riccardi et al.

[31] (k ¼ 13 W m�1 K�1, a ¼ 2:5 � 10�6 K�1, E ¼ 200

GPa, (m ¼ 0:2), rUTS ¼ 300 MPa) the values calculated

for the thermal stress factors H and H� are 4:8�
10�2 mMPaW�1 and 1 2 � 10�4 mW�1, which is again

in the range of the best metallic materials.

4.2. Ductile-to-brittle transition temperature

Table 3 compiles the DBTT values derived from

different tests and specimen geometries. Cylindrical

Ducropur specimens exhibit significant elongation at

fracture and cross section reductions already at test

temperatures around 150 �C. From fracture toughness

testing one would conclude a DBTT of at least 250 �C,

and the fractography cleavage fracture was observed

at even higher temperatures. Such a discrepancy has

already been discussed by Thornley and Wronski [67]

for chromium and tungsten. These authors defined

transition temperatures for ductility, TT, and failure

mode, TF, based on the definition of brittle materials by

Bridgman [68] and Cottrell [69] on one side and of

Orowan [70] on the other side. Bridgman and Cottrell

define materials as brittle if they fail after only micro-

scopic plastic deformation [68,69]. Hence the transition

temperature TT is defined as the temperature where

macroscopic plastic deformation can be observed in

tensile testing. Orowan, on the other hand, considered

brittle fracture as the process of catastrophic crack

propagation to failure under the action of a tensile

stress [70]. Therefore, TF defines the fracture mode

transition temperature which is derived from fractog-

raphy. Thornley and Wronski found a grain size de-

pendence of the transition temperatures with TT ¼
ð255 	 5) K and TF ¼ ð525 	 40Þ K for coarse grained

chromium with a mean grain size of 225 lm and

TT ¼ ð660 	 4Þ K and TF ¼ ð660 	 4Þ K for the fine

grained chromium with 34 lm grain size [67]. The ten-

dency that the difference between TT and TF vanishes

with decreasing grain size was also found in tungsten

[67].

In view of the grain size of our alloys, our value of

about 500 �C for Ducropur (grain size 82 lm) agrees

rather well with the finding of Thornley and Wronski for

TF [67]. However, a comparison of their data with the

results compiled in Table 3 has to consider the micro-

structure differences between the well recrystallized

specimens used by Thornley and Wronski and our

powder metallurgically processed material and the oxide

particle strengthening of the alloys. In the case of Cr–

5Fe–1Y2O3 fracture toughness and subsequent fracto-

graphy studies were performed up to 500 �C, which is

not sufficient to reveal a possible difference between TT

and TF in this alloy.

In iron-based alloys with chromium contents in the

range between 0.5 and 42 wt%, the room temperature

values of ry and rUTS increase approximately linearly

Table 3

Compilation of the DBTT of Ducropur, Cr–5Fe–1Y2O3 and Cr–44Fe–5Al–0.3Ti–0.5Y2O3 derived from different experiments

Experimental source Ducropur �C Cr–5Fe–1Y2O3 �C Cr–44Fe–5Al–0.3Ti–0.5Y2O3 �C

Elongation at fracture �150 �400 400–500

Cross section reduction 100–150 400–500 400–500

Fracture toughness �250 >500 –

Fractography �500 >500 –

Tensile test data refer to cylindrical specimens with 4 mm in diameter.

1 As a value for ry was not found in Ref. [31], rUTS was used

for the calculation of H�.
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with the chromium content, and the elongation at frac-

ture decreases inversely [8,71,72]. This trend depends

also on factors like microstructure and the level of im-

purities. The toughness is reported to decrease with in-

creasing chromium content but brittle behaviour can

be avoided even at chromium contents of 35 wt%, pro-

vided that the level of carbon and nitrogen impurities

can be kept below 0.02 wt% [8,73]. However, the to-

lerable content of impurities becomes smaller with in-

creasing chromium content. Therefore, extrapolating

this tendency from the iron-rich part of the chro-

mium–iron system to high-chromium alloys, it can

be expected that the potential pickup of interstitial sol-

ute atoms especially at high-temperatures might become

an issue for chromium alloys. It can be expected

that chromium behaves like other body-centred cubic

(bcc) materials, tungsten, molybdenum, tantalum, nio-

bium and iron which show a pronounced temperature

and strain-rate dependence of the flow stress at tem-

peratures sufficiently low to hinder the free motion

of screw dislocations [74]. Interstitial atoms like nitro-

gen, oxygen and carbon hinder the thermally activated

formation of kink-pairs and the subsequent motion

of the kinks along the screw dislocations [74]. In this

way the mobility of screw dislocations is apprecia-

bly reduced and hence the ductility of bcc materials

[74–76].

The observation of an apparently lower DBTT

for plane tensile test specimens than for cylindrical

test specimens may find a geometrical explanation

in the different constraint and different shaping pro-

cedures affecting the density of flaws (machining of

cylindrical specimens vs. spark erosion of plane speci-

mens).

In order to allow a rough comparison of the per-

formance of Ducropur and Cr–5Fe–1Y2O3 with vana-

dium alloys and steels, typical room temperature data

of the fracture toughness [77–80] and DBTT data

[28,52,58,78,81,82] are compiled in Table 2. Low-frac-

ture toughness values and the propensity to brittle

fracture up to 500 �C may limit the utility of Cr–5Fe–

1Y2O3. Ducropur has a significantly lower strength but

displays higher ductility. Fracture toughness values are

significantly higher than those in Cr–5Fe–1Y2O3 and

indicate a DBTT around 250 �C (cf. Table 3). Although

the low-thermal stress levels under a given heat flux load

may compensate for the low-temperature brittleness,

chromium and chromium alloys will show their full

advantage at operation temperatures above the 300 �C
of the water cooled ITER design. The lack of low-tem-

perature ductility is a concern for materials processing,

start-up and shutdown procedures. Problems of shaping

may be overcome by powder metallurgical processing

and hot isostatic pressing. However, ductility may be

improved using high-purity grades of chromium with

even better low-activation characteristics.

4.3. Microstructure refinement

Hardness and yield strength ry of a material usually

increase with decreasing grain size d. This behaviour can

be described by the Hall–Petch relation [83,84],

ry ¼ a� bd�1=2; ð5Þ

and is microscopically determined by dislocation gliding

within the grains; a and b are material specific constants.

Below a certain grain size this relation breaks down. The

material gains ductility and loses strength due to atomic

rearrangement events in the grain boundaries with only

a minor part being caused by dislocation gliding inside

the grains. Hence, the softening observed in nanocrys-

talline materials is caused by a larger fraction of atoms

in less densely packed grain boundary areas [85]. This

reverse Hall–Petch effect is expected at a grain size below

10–20 nm and even in the absence of microporosity [85].

In contrary to super plasticity the reverse Hall–Petch

effect is not based on thermally activated dislocation

glide processes and is not accompanied by a pronounced

temperature and strain-rate dependence of the flow

stress [85].

One possibility to refine the microstructure of the

currently available materials is to reduce the particle size

of the powders used for the initial mechanical alloying

step. It could be shown that the grain size of pure

chromium powder and the ingredients iron and yttria

for the Cr–5Fe–1Y2O3 alloy could be decreased to about

25 nm after 50 h of high-energy ball milling under a

vacuum of 10�6 bar [86], leading to microstrains of the

order 5 � 10�3 in the particles [86]. However, an inves-

tigation of the uptake of interstitial impurities during

ball milling and the stability of grain size during and

after compactation at different temperatures needs fur-

ther investigation.

Severe plastic deformation by equal channeling [87]

or severe plastic torsional straining [87,88] is another

method to nanostructure materials by introducing high-

angle (sub-)grain boundaries. Results of a first attempt

to introduce an ultra-fine grained structure in Ducropur

and Cr–5Fe–1Y2O3 by severe torsional straining were

reported in Ref. [89] and indicate that this method may

be a starting point for improving the low-temperature

mechanical properties of Ducropur and Cr–5Fe–1Y2O3.

Billets of Ducropur and Cr–5Fe–1Y2O3 were sub-

jected to an isostatic pressure of up to 6 GPa placing

them between a fixed lower anvil and a rotating upper

anvil [88]. Up to five complete turns of the anvil were

performed. Processing temperatures between 400 and

600 �C were required due to limited room temperature

ductility. Transmission electron microscopy, selected

area diffraction patterns and X-ray texture measure-

ments revealed an ultra-fine grained structure with high-

angle grain boundaries after such processing. The
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dislocation density in these grain boundaries was de-

termined to be up to 1 � 1015 m�2 whereas it was about

three orders of magnitude lower in the cell interior. At a

deformation temperature of 540 �C, a mean grain size of

0.3 and 0:5 lm was obtained in Ducropur and Cr–5Fe–

1Y2O3, respectively, which was equivalent to a grain

refinement by a factor of about 260 and 22, respectively.

The different degree of obtainable refinement may be

due to the different initial grain size, but also an effect of

the Y2O3 particles is likely. An analysis in terms of the

Hall–Petch relation shows that the increase of ry is

lower than expected from a reduction in grain size.

However, the grain size in the range of a few hundred

nanometers is still too large to observe the reverse Hall–

Petch relation [85]. In the case of Ducropur the micro-

structure refinement was accompanied by an increase

of the Vickers microhardness from 1.75 GPa to above

6 GPa and to about 3 GPa for processing at room

temperature and at 540 �C, respectively. The ultra-fine

microstructure was stable against annealing for 30 min

up to 450 �C. Annealing at 900 �C re-established the

hardness value before processing.

Tensile tests were performed on Ducropur after mi-

crostructure refinement in the temperature range be-

tween 20 and 350 �C. At e.g. 300 �C, an ultimate tensile

strength of 480 MPa was obtained, which is twice as

high as in the coarse grained material. Fig. 15 displays

stress displacement curves of bending tests carried out at

100 �C. They indicate that severe plastic deformation at

540 �C yields an appreciable strengthening of the ma-

terial without an apparent loss of ductility. Taking the

difference between the ultimate tensile strength rUTS and

the rupture stress rr in Fig. 2 as indicator for ductility, a

considerable improvement was achieved from 107 MPa

to up to 476 MPa for coarse (initial) and fine-grained

(processed) material, respectively. Similar values were

obtained for bending at 200 �C whereas at room tem-

perature no effect was visible.

A dislocation dynamic model of the ductile-to-brittle

transition by H€aahner and Stamm [90] may give an ex-

planation for the observed effect that an increase of

tensile strength by reducing the effective grain size must

not necessarily be accompanied by increasing the brit-

tleness of the material. The question whether an existing

crack can exhibit stable crack propagation is related to

the competition of three factors: (i) the emission of

dislocations from the crack tip, (ii) crack shielding due

to the plastic zone and (iii) cleavage [90]. In the present

case it appears reasonable to assume that stable crack

propagation is favoured by the reduction of the slip

length of dislocations due to the increase of the dislo-

cation density by severe plastic deformation [90].

Severe plastic deformation may be helpful to over-

come problems with brittle chromium and chromium

alloys during fabrication of components at room tem-

perature, provided technologically significant batches of

the material could be processed. However, the thermal

stability of the microstructure limits the usefulness of

such processing. Therefore it appears more promising to

further exploit the potential of high-energy ball milling

for microstructure refinement and to investigate possible

measures to avoid or reduce contamination.

4.4. Behaviour under irradiation

Irradiation effects on high-purity chromium and Cr–

5Fe–1Y2O3 have not yet been investigated. However,

literature on irradiated iron-based chromium alloys

[8,91,92] and chromium-based iron alloys [93] gives

some indication.

In high-chromium Fe–Cr alloys toughness is strongly

affected by r phase formation and phase decomposition

into a and a0. These phase changes become more pro-

nounced with increasing chromium content, although

corrosion properties, high-temperature strength and

magnetic properties become more attractive.

Investigations on Fe–Cr alloys with chromium con-

tents between 9 and 50 wt% by Wakai et al. [91] after

electron irradiation indicate embrittlement due to the

formation of dislocation loops decorated by a0-phase.

Neutron irradiation experiments on Fe–(9–30)Cr alloys

at 673 K to a dose of 0.3 dpa revealed larger increases of

the yield strength in alloys with higher chromium con-

tent [92]. Although a0-phase is formed more easily in

alloys with higher chromium content, the growth of the

loops is slower in these cases [8]. Irradiation hardening

increases with increasing chromium and impurity con-

tents [92]. In the chromium-rich part of the phase dia-

gram a single-phase system is expected [3]. Therefore,

the irradiation-induced formation of brittle r-phase [93]

should effectively be reduced in the case of Cr–5Fe–

1Y2O3 with only 5 wt% iron, and an improved radiation

Fig. 15. Bending stress rb vs bending displacement, measured

at 100 �C, for as received Ducropur and after processing by

torsion deformation at 540 �C for 1 and 5 turns [89]. The values

used as ultimate strength rUTS and rupture strength rr in Sec-

tion 4.3 are indicated.
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resistance may be expected compared to already exam-

ined iron–chromium alloys. Furthermore, high-chro-

mium alloys are expected to exhibit superior swelling

resistance to ferritic steels [8].

Chakin et al. [93] studied the formation of the brittle

r phase in Cr–Fe alloys under neutron irradiation on

the chromium-rich side of the Cr–Fe system. Three al-

loys were tested after irradiation with neutrons in the

temperature range between 600 and 750 �C. The irra-

diation of the Cr–0.32La–0.26Ta–0.40 V alloy at 650 �C
with a neutron flux of 2:8 � 1026 m�2 (E > 0:1 MeV)

resulted in the formation of uniformly distributed voids

with a mean diameter of 6 nm and a density of

2 � 1016 cm�3. The DBTT was shifted up to 600 �C. In

an alloy with the composition Cr–10Fe–0.2Zr–0.2Y ir-

radiated at 600 �C with a neutron flux of 4:7 � 1026 m�2,

non-uniformly distributed voids with a mean diameter

of 10 nm, a density of 4 � 1015 cm�3 and precipitates

with a diameter of 40–50 nm were found. The DBTT

remained as low as 200 �C. After neutron irradiation of

Cr–35Fe–0.2Zr–0.2Y no voids were observed but pre-

cipitates which approach a size of 1 lm. By microdif-

fraction methods the precipitates could be identified as r
phase [93]. The experiments of Chakin et al. [93] indicate

that an optimum iron content might exist where r phase

can be produced during neutron irradiation, but with

tolerable effect on brittleness.

4.5. Compatibility with hydrogen

As the planned service temperature of a fusion re-

actor rises, problems of brittleness may become less

important and high-temperature strength, corrosion re-

sistance, chemical compatibility with coolants as well as

pickup of hydrogen and other interstitial impurities will

prevail. In this case, chromium alloys may gain an ad-

vantage over vanadium alloys due to the lower solubility

for hydrogen and their good high-temperature corrosion

properties. Although the equilibrium hydrogen concen-

tration in vanadium is considered very low [16] the sol-

ubility of hydrogen in chromium at 500 �C is orders of

magnitude lower than in vanadium (see Refs. [94,95] and

citations there) which reduces the tritium inventory es-

pecially when used as blanket material. In chromium no

effect of hydrogen on the ductile-to-brittle behaviour has

been found because hydrogen picked up at high-tem-

peratures leaves the material nearly completely during

cooling [95]. For vanadium alloys R€oohrig et al. reported

that hydrogen concentrations of up to 2.5 at.% can be

tolerated before leading to catastrophic failure [96],

however, the impact of this concentration on the tritium

inventory has not been discussed. Moreover, pre-expo-

sure to oxygen lowers the tolerable hydrogen concen-

trations appreciably [96]. In V–4Cr–4Ti the interaction

of hydrogen with the irradiated alloy has already been

studied [97]. However, the hydrogen permeation of va-

nadium and chromium alloys cannot yet be compared

because reliable hydrogen diffusion data in chromium

are lacking [98].
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Appendix A. Fit functions for thermal and mechanical

properties

For the following polynomial fit functions tempera-

ture data have to be taken in �C.

A.1. Ducropur

• Proof stress at 0.2% plastic deformation (between 20

and 1000 �C)

r0:2 ¼ ð254:04 � 0:56483T þ 0:00118T 2

� 8:24413 � 10�7T 3Þ MPa: ðA:1Þ

Correlation factor R ¼ 0:88554.

• Ultimate tensile strength (between 20 and 1000 �C)

rUTS ¼ ð277:37 � 0:01618T � 3:78777 � 10�5T 2

� 1:62003 � 10�7T 3Þ MPa: ðA:2Þ

Correlation factor R ¼ 0:96151.

• Thermal diffusivity (between 20 and 1000 �C)

lðT Þ ¼ ð0:2542 � 1:73475 � 10�4T þ 8:015 � 10�8T 2

� 3:5161 � 10�11T 3Þ cm2 s�1: ðA:3Þ

Correlation factor R ¼ 0:99025.

• Thermal expansion coefficient (between 20 and

1000 �C)

aðT Þ ¼ ð8:3159 þ 1:80901 � 10�3T þ 6:45421 � 10�7T 2

þ 1:27483 � 10�10T 3Þ � 10�6 K�1: ðA:4Þ

Correlation factor R ¼ 0:99963.

• Specific heat at constant pressure (between 20 and

1000 �C)

cpðT Þ ¼ ð0:48047 þ 6:34753 � 10�5T

þ 2:34120 � 10�7T 2

� 1:27824 � 10�10T 3Þ Jg�1 K�1: ðA:5Þ

Correlation factor R ¼ 0:99635.
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• Thermal conductivity (between 20 and 1000 �C)

kðT Þ ¼ ð87:56671 � 0:04179T þ 3:15147 � 10�5T 2

� 2:06676 � 10�8T 3Þ10�6 WK�1 m�1: ðA:6Þ

Correlation factor R ¼ 0:99639.

A.2. Cr–5Fe–1Y2O3

• Proof stress at 0.2% plastic deformation (between 300

and 1000 �C)

r0:2 ¼ ð214:59 þ 3:22434T � 0:0059T 2

þ 2:5564 � 10�6T 3Þ MPa: ðA:7Þ

Correlation factor R ¼ 0:99482.

• Ultimate tensile strength (between 400 and 1000 �C)

rUTS ¼ ð1086:47 � 0:44433T � 5:5168 � 10�4T 2Þ MPa:

ðA:8Þ

Correlation factor R ¼ 0:96151.

• Thermal diffusivity (between 20 and 1000 �C)

lðT Þ ¼ ð0:10255 þ 3:12057 � 10�5T

� 2:13821 � 10�8T 2

� 1:51848 � 10�11T 3Þ cm2 s�1: ðA:9Þ

Correlation factor R ¼ 0:84779.

• Thermal expansion coefficient (between 20 and

1000 �C)

aðT Þ ¼ ð10:183 � 1:31538 � 10�3T

þ 2:72499 � 10�6T 2Þ10�6 K�1: ðA:10Þ

Correlation factor R ¼ 0:99701.

• Specific heat at constant pressure (between 20 and

1000 �C)

cpðT Þ ¼ ð0:46683 þ 1:93264 � 10�4T

� 1:22719 � 10�7T 2

þ 1:43947 � 10�10T 3Þ Jg�1 K�1: ðA:11Þ

Correlation factor R ¼ 0:99842.

• Thermal conductivity (between 20 and 1000 �C)

kðT Þ ¼ ð34:10722 þ 0:02624T � 1:72921 � 10�5T 2

þ 2:97932 � 10�9T 3Þ10�6 WK�1 m�1:

ðA:12Þ

Correlation factor R ¼ 0:99698.

A.3. Cr–44Fe–5Al–0.3Ti–0.5Y2O3

• Proof stress at 0.2% plastic deformation (between 400

and 1000 �C)

r0:2 ¼ ð1585:00 � 1:87037T þ 3:23597 � 10�4T 2Þ MPa:

ðA:13Þ

Correlation factor R ¼ 0:95143.

• Ultimate tensile strength (between 400 and 1000 �C)

rUTS ¼ ð1908:37 � 2:66773T þ 8:06986 � 10�4T 2Þ MPa:

ðA:14Þ

Correlation factor R ¼ 0:96910.

• Thermal diffusivity (between 20 and 700 �C)

lðT Þ ¼ ð0:03059 � 4:26563 � 10�7T

þ 6:84103 � 10�8T 2

� 4:36207 � 10�11T 3Þ cm2 s�1: ðA:15Þ

Correlation factor R ¼ 0:99992.
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